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At room temperature, Si02 additions may increase the fracture toughness, Kic, by diminishing 
the tetragonal phase contents to about 50%, but with ground surfaces the influence on 
strength is small. A pronounced decrease in strength is observed with rising temperature in 
the higl4 toughness region from 20~ to M s, the starting temperature for martensitic 
transformation. Beyond M s at lower toughness, the strength behaviour is very similar to 
nontransforming alumina ceramics, and an even modest increase of the silicate concentration 
intensively promotes propagation-controlled failure in the brittle creep region ( > 900 ~ and 
inelastic deformation. With less than 1% amorphous grain boundary phases, damage-free 
superplasticity is restricted to small strains of less than 10%. The significance of high- 
temperature data for tool applications is considered by cutting tests with high feeding rates. 

1. I n t r o d u c t i o n  
The toughening effect of the tetragonal-monoclinic 
phase transformation of ZrO 2 particles dispersed in 
an alumina matrix has been used for more than 10 
years to develop high-strength ceramics [1, 2]. Owing 
to the increasing stability of the tetragonal phase with 
rising temperature, the transformation to the mono- 
clinic polymorph becomes more difficult, and the 
toughening benefit diminishes. Therefore, zirconia- 
toughened alumina (ZTA) has found engineering ap- 
plication predominantly for use at room temperature 
with locally occurring heat (tool bits), and little in- 
formation is available about the mechanical behavi- 
our at high temperatures. 

However, for tool bits, temperatures as high as 
1000 ~ at the cutting edge occur at the same location 
as the highest mechanical load, and thus investiga- 
tions of high-temperature deformation mechanisms 
are of practical importance. Our previous measure- 
ments of the hardness of A1203 and ZTA revealed no 
differences up to 1300 ~ [3]. Cutler et al. [4] demon- 
strated the possibility of strength improvements up to 
750 ~ (600 MPa) by introducing surface compressive 
stresses resulting from differing amounts of stabilizing 
Y20 3 in the volume and at the surface of ZTA bars 
with 15 vol% ZrO 2. In spite of such results, the 
general understanding of the temperature effect on the 
mechanical performance of such materials is limited 
by the narrow scope of the experimental data. 

Further interest in the high-temperature behaviour 
of ZTA arose with the prospect of superplasticity in 
A120 3 [5], in tetragonal zirconia polycrystals [6], and 
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in ZrO2 + 20% AI20 3 [7], which is possible above 
1300 ~ even without cavitation damage of the struc- 
tures. Superplastic flow was reported for high-purity 
A120 3 obviously containing no continuous amorph- 
ous grain-boundary phases, but no data concerning 
the strength of the deformed parts were given [8]. 

Often such amorphous phases cannot be avoided 
using the usual industrial preparation technologies. 
It was the aim of our present work to investigate the 
influence of small SiO2 concentrations on fracture 
strength and plastic deformability of ZTA up to 
1400 ~ 

Additionally, we tested to what degree the measured 
high-temperature properties enable the practical use 
of the material as a tool for hard cutting conditions. 
The outstanding performance of ZTA with respect to 
steel workpieces is well-known and has also been 
confirmed for our ceramics. Therefore, relating specif- 
ically to measured mechanical properties at high tem- 
peratures, we shall give here another example, com- 
paring our ZTA with commercially approved hot- 
pressed and sintered Si3N 4 tools under cutting condi- 
tions that are especially suited for the favourable use 
of high-strength nitride materials, i.e. the turning of 
grey cast iron at large feed rates. 

2. Experimental procedure 
2.1. Materials and their properties at 

room temperature 
Starting with 0.6 lam AI20 3 powder (Alcoa A16SG), 
granules were prepared by adding an aqueous 
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solution of ZrOC12 �9 8H20 , homogenizing the suspen- 
sion in a planetary mill for 3 h, drying and calcining 
at 950~ for 2 h; the produced mixture contained 
16.4 wt % ZrO2 (about 11.5% by volume) and was 
again homogenized in the same mill for 10 h with a 
solution of MgC12.6H20 and an organic binder, 
giving final concentrations of 0.14 wt % MgO and 
2 wt % organic acid. The slurry was freeze-dried, bars 
of dimensions 5 mm x 8 mm • 60 mm were formed by 
uniaxial pressing at 200 MPa and sintered at 1580 ~ 
for 1 h in hydrogen to a density of at least 97.5% with 
average grain sizes of 2.2 gm (A1203) and 1.1 ktm 
(ZrO2); air sintering produced structures with lower 
strength due to higher monoclinic phase contents. 

Using milling containers and balls made from (A) 
99.7% and (B) 96% AI20 3, respectively, different 
structures with about 0.01 and 0.10 wt % SlOE were 
produced. High-voltage and high-resolution electron 
microscopy revealed little differences between both 
structures [9]. Most noticeably, with 0.10% SiO2 
there are indications of a higher concentration of 
larger amorphous triple points and of more grain 
facets covered by a glassy film. However, even with 
this raised SiO2 content, many of the grain boundaries 
do not contain any trace of secondary phases. Addi- 
tional Auger investigations confirmed this result 
(which is contrary to experiences on ZTA prepared by 
attrition milling routes with 85% A1203). 

Table I gives some properties measured at room 
temperature. Additionally determined static Young's 
moduli (Fig. 1, four-point bending) are very close to 
those measured dynamically (Table I). The fracture 
toughness, K~c, was derived from notched beam tests 
with bars that had been annealed for 1 h at 1350~ 
after notching. Dilatometer studies of these ZTA 
materials showed a starting temperature, Ms, for the 
tetragonal-to-monoclinic transformation of about 
540~ Following Table I, S i O  2 destabilizes the 
tetragonal ZrO 2 polytype and produces a somewhat 
higher fracture toughness. The origin of the higher 
monoclinic contents in structure B is presumed to be 
nucleation promoted by the silicate phase, because 
amorphous triple points are observed to be preferen- 
tially associated with ZrO2 particles [9]. The similarly 
high Young's moduli indicate the same low degree of 
spontaneous microcracking. At relatively high Xm, 
this gives rise to high residual stresses and the high 
toughness of Material B. The previously published 
correlation between Kjc and the density of the micro- 
cracks that are generated on macrofracture, revealed 

T A B L E  I Room-temperature properties of investigated ZTA 
structures 
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Figure 1 Stress-strain diagrams measured with crosshead velocity 
0.5 mm min-  1 at (i) 20, (ii) 1200 and (iii) 1400 ~ (a) 0.01% SiO2 (A), 
(b) 0.10% SiO 2 (B). 

microcracking to be the dominating toughening 
mechanism at room temperature [10]. As a conse- 
fluence of such energy dissipation [-11], in the un- 
ground (as-sintered) state, Structure B exhibits a 
strength improvement of about 15% compared with 
the purer Material A. 

However, before high-temperature testing, the bars 
had to be ground to dimensions 3.4 mm • 5.0 mm 
x 50 mm. This was done using a diamond wheel with 
100-125 tam grain size, thus encouraging the tetra- 
gonal-to-monoclinic transformation in the surface re- 
gion. As a consequence, Xm rose to more than 0.60, 
and the resulting compressive stresses are thought to 
be the reason for the similar room-temperature 
strengths of both ground materials (Fig. 2), thus over- 
coming their strength differences measured in the 
unground state. 

With respect to the abrasive wear rate, ZTA A and 
B are both superior to alumina [12]. The combination 
of high toughness and hardness of Material B in com- 
parison to Structure A results in a further reduction of 
wear to 60% [-12]. 

p X m E Kic HV 
(gcm -3) (GPa) (MPa ,,/m) (GPa) 

A (0.01% SIO2) 4.10 0.39 364 6.1 17.2 
B (0.10% SIO2) 4.16 0.51 374 8.0 18.0 

p = density, Xm = monoclinic content of ZrO~ component (X-ray 
measurement of unground surfaces using CuK=), E = Young's 
modulus, derived from resonance frequency, K~c = fracture tough- 
ness, Hv = Vicker's hardness at 10 kg load. 

2.2. High-temperature testing methods 
and cutting experiments 

Strength and deformation testing up to 1400 ~ in air 
has been performed using equipment developed at the 
Kiev Institute [13-]. The strength, cyf, was determined 
from fracture load, Ff, in three-point bending with 
span length l = 40 mm and crosshead velocities vary- 
ing between 0.05 and 5 mm min- 1, following the usual 
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Figure 2 Temperature dependence of the strength of ground 
ceramics made of A1203 + 11.5 vol % ZrO~ (unstabilized). Typical 
standard deviations are given for Structure B, as an example. 
( �9  0,01% SiO z (A), ( 0 )  0.10% SiO a (B). 

relationship 

3 1 
of - 2 bh z Ff (lj 

where b and h are the specimen width and height, 
respectively. 

In order to obtain accurate deformation data in the 
elastic as well as in the nonlinear region, special high- 
temperature experiments in air have been done .with a 
four-point bending assembly. The specimen's stresses, 
o, and strains, e, were recorded by measuring the load, 
F, dependent deflection, 6 [14] using a gauge of length 
L = 18 mm (Fig. 1) 

2 a (  6 d F )  
o = bh ~ F + ~ (2) 

4h 
e - -  L2 (3) 

(For pure elastic bending (6 /2 ) (dF /d6 )  = F/2, giving 
the usual four-point bending stress 3aF/(bh2).) In our 
experiments, inner and outer span lengths were 20 and 
40 mm, so the difference, a, as defined by Fig. 1 was 
10 mm. An effective static Young's modulus at high 
temperatures results as the slope of the stress-strain 
curves at the origin of the diagram. 

Using a similar apparatus but running with vacuum 
10 -2 Pa at the Dresden Institute, we deformed un- 
ground (as-sintered) bars of about 3 mm x 6 mm 
x 50 mm at 1400~ in bending with a crosshead 
velocity of 0.05 mm rain-1. To produce locally highly 
strained regions that were to be subjected to sub- 
sequent strength testing, the deformation was produ- 
ced in three-point bending. In the central region of 
maximum strain, the strain rate was 5 x 10 -s  s -1. 
Then, at room temperature, all pre-deformed bars 

fractured in their very central part where the plastic 
deformation was maximum. To compare this bending 
strength of pre-deformed specimens with that of un- 
deformed bars having the same thermal history, some 
bars were heated to the same temperature of 1400 ~ 
and cooled without mechanical loading. Fracture 
stresses of all these specimens were then determined at 
room temperature in three..point bending with 30 mm 
span and 0.5 mm min-1 crosshead velocity using the 
relationship [15] 

3 Ffl Ff sincz - ~t cos 
(~f - -  -~ 2 bh 2 2 bh cos~ + ~tsin~ 

[ 6 ( h - } ) -  1 ]  (4, 

where la is the coefficient of sliding friction (g ~ 0.27 
for an unlubricated pair of ZTA/hardened steel [-16]), 
the parameters ~ and e characterize the degree of 
pre-deformation and are defined by Fig. 3. With 
b = 6.5 ram, h = 3.5 ram, ~ = 32 ~ , and e = 6 mm, the 
correcting term in Equation 4 increases the calculated 
stress by about 8%. Finally, it should be noted that 
without plastic deformation the vacuum annealing of 
unground (B) specimens at 1400~ h enhanced 
their strength from 555 _+ 50 MPa (as-sintered) to 
665 _+ 65 MPa, an effect which is thought to be ana- 
logous to the above advantage of reducing sintering. 

Ground quadratic cutting tool inserts (12mm 
x 12 mm x 6 ram) with 1 mm nose radius and with 

0.3 mm x 20 ~ edge chamfer were produced for tests 
under the following conditions: 

(i) turning lamellar grey cast iron (German code 
notation G G L  25) with feeding rates of 0.5 and 
0.75 mm/rev, at circumferential velocities of 300 and 
400 m rain- 1 and a cutting depth of 2 mm; 

(ii) turning the same material with interrupted cut 
(generated by a groove perpendicular to the turning 
direction) with 0.5 mm/rev, feed and a cutting velocity 
of 300 m min-  t. The depth of cut was again 2 ram. 

Under Condition (ii), of course, besides abrasive flank 
wear, the statistics of microscopic brittle cutting edge 
failure have to be analysed. However, we observed no 
significant difference between ZTA and SiaN 4 tools in 
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Figure 3 Effect of pre-deformation strain, generated at 1400 ~ with 
5x  10 -5 s -1 in three-point bending, on the room-temperature 
strength of the unground Material B (0.10% SiO2). All specimens 
experienced the same thermal treatment. The given strain is the 
maximum plastic strain in the centre of the pre-deformed bars. 
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this respect. Therefore, we shall discuss here only the 
development of average abrasive flank wear width as 
monitored by an optical microscope. 

3. Results 
Fig. 2 gives the temperature dependence of strength 
for ground specimens with (A) 0.01% and (B) 0.10% 
SiO 2 when tested with a crosshead velocity, 
vx = 0.5 mm min- 1. As has been observed for alumina 
[17], we found no effect of vTon the strength in the 
range 0.05-5 mm min- 1, even above 1000 ~ 

To test the possible influence of grinding-induced 
surface stresses on the effect of temperature, some 
ground A-type specimens were heated to 500~ 
cooled and fractured at room temperature. Their aver- 
age strength was 537 MPa, which is considerably 
more than the 400MPa measured at 500~ 
(cf. Fig. 2). Therefore, in Fig. 2 the strength loss from 
room temperature to 500~ cannot be caused by 
relaxing surface compressions at this temperature, 
followed by a simple constancy of structures and 
properties up to 900 ~ Instead we think that it is 
necessary to interpret the data in Fig. 2 as a continu- 
ous (at first sharp and then becoming flatter) decrease 
of the intrinsic material strength from room temper- 
ature to 900 ~ 

Fig. 2 gives thus the usual sequence of changing 
basic rupture modes with temperature [18]: 

(a) brittle rupture with high toughness due to en- 
ergy dissipative processes (room temperature-500 ~ 
note that the upper bound of this region meets M s of 
the investigated ZTA structures); 

(b) brittle rupture with lower toughness and 
decreasing temperature dependence, both being asso- 
ciated with diminished effectiveness of energy dissipa- 
tion (500-900 ~ 

(c) creep rupture accompanied by a sharp decrease 
of strength (above 900 ~ 

Following Evans and Dalgleish [-18], this creep 
rupture at lower temperatures may occur in a brittle 
manner; at higher temperatures creep ductility obtains. 
Deformation diagrams (Fig. la, b) indicate a trans- 
ition from creep brittleness to creep ductility at about 

1200 ~ but even at 1400 ~ and with 0.10% SiO 2 the 
fracture surfaces do not reveal any trace of viscous 
flow or local plastic deformation, nor any difference 
in the fracture morphologies at 20 and 1400~ 
(Fig. 4a, b). 

When the crosshead velocity was decreased from 
5-0.05 mmmin -1, we observed the usual increasing 
nonlinearity in the stress-strain diagrams without 
effect on strength, a known phenomenon discussed 
previously by Venkateswaran et al. [,17] which, there- 
fore, we shall not extend here. 

With regard to Fig. 4a, b, the nature of the nonlin- 
earity above 900 ~ documented in Fig. 1 is extensive 
macroscopically inelastic creep proceeding to brit t le 

fracture. In Material B this creep is assisted by the 
higher contents of amorphous phases in triple points 
and planar grain boundaries due to the higher SiO 2 
concentration. However, though the strain rate of 
5 x 10 -5 s -1 is usual for superplastic deformation, 
Fig. 3 reveals that beyond some threshold strain of 
about 6%, deformation is associated with damage 
resulting in a decrease of room-temperature strength. 

In spite of the ease of high-temperature deformation 
with 0.10% SiO  2 (Fig. lb), the strength (Fig. 2) and 
hardness [-3] of B-type ZTA between 20 and 1400 ~ 
are sufficient to enable the preparation of high-per- 
formance cutting tools (Fig. 5). Whereas for mild 
abrasive conditions the reduced wear of Composi- 
tion B at room temperature had been recognized pre- 
viously [12], Fig. 5 documents small wear for tools at 
high feed rates. It should be emphasized that the 
results of Fig. 5 are not  biased by an unsatisfactoring 
performance of the Si3N 4 reference materials, because 
~he testing conditions chosen are especially favourable 
for Si3N 4 tools. For uninterrupted turning with higher 
feed of 0.75 mm rev., 300 m min-  1 velocity and 2 mm 
depth of cut, the ratios between the tested tool mater- 
ials are the same ones as in Fig. 5. Experiments with 
1 min cutting time at increasing feed always showed 
lower wear of ZTA in uninterrupted and interrupted 
tests (1 and 4 grooves) up to 1 mm/rev. However, 
ZTA was fractured at about 1.1 1.3 mm/rev., whereas 
Si3N 4 tools were tested at 1.5mm/rev. without 
rupture. 

Figure 4 Scanning electron micrographs of fracture surfaces of Structure B (0.10% SiOz) ruptured at (a) 20~ and (b) 1400 ~ respectively. 
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Figure 5 Average width of flank wear for (a) continuous and (b) interrupted cutting of grey cast iron with large feeding rates, 
f (v = circumferential cutting velocity, a = depth of cut); no coolant fluid used. SL100 and SL200 (same results for both kinds of tools) 
are commercial SisN 4 tools, as is Silinit R, which is hot-pressed Si3N4/TiN. ZFW-DZS is the A12Os/ZrO z Material B investigated here 
(0.10% SiO2). 

4. D i s c u s s i o n  
The main driving force of the martensitic trans- 
formation, the free energy difference between tetra- 
gonal and monoclinic ZrO2, depends on temperature 
as a linear function. Following Lange [19], in ZTA 
from room temperature to M s (here about 540 ~ this 
causes a linear drop of K~c and a similar temperature 
dependence of strength. However, this simple relation- 
ship requires a constant transformable amount of 
tetragonal particles over the investigated temperature 
range: if, at rising T < M s, spontaneous retransforma- 
tion to tetragonal symmetry supplies an increasing 
content of such particles which, in a stressed fracturing 
part, can again undergo a transformation to the 
monoclinic polytype, then, inversely, the toughness 
may be increased with increasing temperature [20]. 
Yet another influence arises from microcrack 
toughening around transformed, monoclinic grains 
an effect that diminishes with increasing temperature 
due to the diminishing monoclinic contents. 

It is, therefore, not surprising that a simple linear 
relationship is not observed and that different ZTA 
structures with their varying ratios between those 
influences exhibit rather different degrees of strength 
deterioration from 20~ to Ms. For example, the 
convex curvature in Fig. 2 up to 900 ~ has the same 
character as observed by Cutler et al. [4] for another 
(but unground) ZTA with unstabilized zirconia, 
whereas high additional surface compressions origin- 
ating from a gradient of stabilizer (Y203) concentra- 
tion in the same temperature range were associated 
with a concave shape of the strength decrease, and 
a linear relationship was observed for a usual 
Al=O3/ZrO2(Y2Os) composite [4]. 

It must thus be concluded that due to the different 
importance of competing mechanisms in various ZTA 
ceramics, no unit character of strength degradation up 
to Ms exists. 

Beyond Ms the investigated zirconia-toughened 
ceramics show a common modest strength decrease as 
nontransforming A120 3 or AIzOs/TiC materials as a 
consequence of increasing stress corrosion. This oc- 
curs on the same stress level of about 400 MPa which 
is characteristic for those structures. This similarity 

implies that for ZTA above Ms the effect of trans- 
formation toughening is really already rather small, 
procuring no more than the uniform course of the ~ - T  
curve around Ms. 

Macroscopic plastic deformation due to dislocation 
activity at 1400 ~ or even below has been observed in 
single crystals as well as in sintered polycrystals of 
A120 3 [21-23] and of tetragonal ZrO2 [6, 24]. How- 
ever, Up to 1600 ~ possible macroscopic deformation 
rates for sapphire are smaller than 10= 5 s-1 [25, 263; 
with cubic ZrO 2 single crystals, it is 10-3s -1 at 
1500 ~ but only for special crystallographic orienta- 
tions [273. This and the fairly small content of 
11.5 vol % ZrO 2 explain the pure brittle character of 
~ZTA fracture surfaces produced at 1400 ~ (Fig. 4b). 
Therefore, beyond 900~ the different degrees of 
strength deterioration (Fig. 2) and plasticity (Fig. 1) 
with 0.01% and 0.10% SiO 2 have to be understood as 
grain-boundary creep processes. 

Keeping in mind the crystal brittleness, to a first 
approximation the stress state at the tip of some main 
flaw at 1400 ~ should be similar to the pure elastic 
fields at lower temperatures. We thus expect the stress 
concentration at the crack tip to produce damage, 
especially in the form of cavitations at triple points. Of 
course, such damage will be favoured by amorphous 
heterogeneities, and in fact silicon-containing localized 
regions of amorphous phases have been observed to 
act as crack nucleation sites in AlzO3 [28, 293. On the 
other hand, it has been argued that such damage- 
controlled failure should be prevalent at low crack 
growth rates only ( <  l~tms -1) [18]. Following 

4. 
Evans and Dalgleish [18], for ceramics without a 
continuous amorphous grain-boundary phase, the ob- 
served strength loss in the brittle creep region (Fig. 2, 
beyond 900~ is dominated by subcritical crack 
propagation-controlled failure, by some direct, relat- 
ively fast extension mechanism ( > 10 gm s- 1 ) includ- 
ing short-range diffusion and viscous flow at narrow 
crack tips; with a wetting fluid present, the geometrical 
condition of a narrow crack can also hold at lower 
velocities. Although the corresponding visco-elastic 
behaviour pertinent to fine-grained polycrystals has 
yet to be evaluated, the promoting effect of amorph- 
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ous phases, even in the situation of discontinuous 
distribution, on diffusion and matter deposition is 
obvious. 

Figs 1 and 3 demonstrate the ease of plastic defor- 
mation at 1400 ~ under a low stressing load of about 
15 MPa and a strain rate of 5 x 10 -s s -1, which is 
common for superplastic procedures. Nevertheless, 
when some threshold strain is exceeded, strength- 
reducing damage cannot be avoided in Structure B 
(0.10% SIO2). Obviously, the absence of a continuous 
amorphous grain-boundary phase does not only not 
prevent the strength loss above 900 ~ associated with 
subcritical stress corrosion; rather microdamage at 
low crack velocity (e.g. increasing with strain grain- 
boundary cavitation 1-30, 31]) supplies additional 
promotion for subcritical crack growth at high tem- 
perature [18], and after cooling causes a strength loss 
of pre-deformed specimens at room temperature. 
We suppose that the existence of a threshold strain of 
about 6% is associated with the only limited, dis- 
continuous occurrence of amorphous grain-boundary 
films in this structure. Although easy deformation in 
A1203-base ceramics is possible with a glass content of 
less than 1% (Fig. 1), suppression of cavitation and of 
shear-band localization of the deformation are pre- 
requisites for damage-free superplasticity and, obvi- 
ously, require higher concentrations of amorphous 
phases. TEM investigations have been started to 
investigate further the effect of glass content on the 
nature of strain-induced damage. 

On the other hand, a content of0.t0% SiO z and the 
associated occurrence of heterogeneously distributed 
amorphous and "clean" grain boundaries, avoid a 
deterioration of wear resistance under conditions of 
high feed rates in continuous and in interrupted 
cutting. 

5. Conclusions 
Zirconia-toughened aluminas exhibit three temper- 
ature regions of strength. Between room temperature 
and about 900~ the strength decreases to a degree 
that depends on the temperature-dependent toughen- 
ing ratio between competing mechanisms such as 
transformation toughening, microcrack toughening, 
stress corrosion, whereas the effect of temperature on 
strength is rather strong between room temperature 
and Ms, from Ms to 900 ~ ZTA shows a stress level 
and a temperature dependence similar to those ob- 
served for A120 3. Above 900 ~ an excessive strength 
deterioration occurs in the region of brittle creep 
rupture, presumably by a visco-elastic mechanism of 
direct subcritical crack growth. Amorphous phases 
promote such processes and may act as crack nucle- 
ation sites at lower crack growth rates, even if their 
concentration is low and if localized amorphous 
regions are separated by "pure" grain boundaries. 

Nevertheless, the material with 0.10% SiO 2 has 
been successfully used for tool applications not only 
for turning steel, but also for continuous and inter- 
rupted cutting of grey cast iron with high feed rates. 
This behaviour points to the surprisingly small im- 
portance of the rather low macroscopic strength 
beyond M s for such applications. 
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Superplastic flow at low deformation rates and 
small stresses of about 15 MPa is possible at 1400 ~ 
It is promoted by amorphous phases but does not 
generally need a continuous distribution of glassy 
films over a majority of grain boundaries. However, 
damage-free generation of large strains beyond 6% 
obviously requires more than about 0.1%-0.3% 
amorphous grain-boundary phase. 
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